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Abstract

Crystallization of polymers from entangled melts generally leads to the formation

of semicrystalline materials with a nanoscopic lamellar morphology. Controlling this

structure is key to the rational design, application and possible re-use of thermoplas-

tic materials, but there is no consensus yet on the factors that control the thickness

of the amorphous layers. We elucidate the effect of entanglements on the morphol-

ogy in a series of model blends of high-molecular-weight polymers with unentangled

oligomers leading to a reduced entanglement density as characterized by rheological

measurements in the melt. Small-angle X-ray scattering experiments after isothermal

crystallization reveal a reduced thickness of the amorphous layers, while the crystal

thickness remains largely unaffected. A simple yet quantitative model without ad-

justable parameter is suggested, according to which the measured thickness of the

amorphous layers adjusts itself in such a way that the entanglement concentration

reaches a specific maximum value.
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Introduction

Due to their favorable mechanical properties and their simple processability, crystallizable

polymers make up the majority of thermoplastics and are used in a broad field of differ-

ent applications. In particular the current trend towards better-recyclable and possibly

chemically less diverse materials relies on understanding and controlling their mechanical

properties. These are governed by their semicrystalline morphology made of nm-thin lamel-

lar crystals separated by disordered amorphous layers.1,2 The mechanical properties at small

deformations are determined by the crystalline scaffold in the material leading to a high

modulus that increases with crystallinity, whereas the existence of entanglements and tie

molecules in the amorphous phase is responsible for strain hardening at large deformations

and for toughness.2–5 The factors governing the crystal thickness have been extensively stud-

ied,2,6–11 but the corresponding yet no less important question for the amorphous regions

has obtained much less attention. While it has been suggested that the entanglements in

the amorphous regions limit the crystallinity of polymers undergoing crystallization from the

melt,12,13 experimental evidence is inconclusive and the effects of the entanglements on the

semicrystalline morphology are not well understood.

Addressing this question faces fundamental difficulties. First and foremost, the con-

centration of entanglement strands, or equivalently, the molecular weight (MW) between

entanglements, is an inherent property of a given polymeric material and cannot be var-

ied in a simple way. While unentangled high-MW melts have been prepared by melting of

unentangled crystalline material, which was either prepared by direct crystallization during

synthesis or from dilute solution or from the hexagonal high-pressure phase of polyethylene

(PE),14,15 such melts are in a heterogeneous non-equilibrium state that is unstable, as chain

diffusion typically reestablishes the entangled state relatively quickly.15,16 Studies on non-

equilibrium disentangled PE melts made in this way suggested increased crystal growth rates

and a lower nucleation density but no effect on the long period seen in small-angle X-ray

scattering (SAXS).14,17 There have been attempts to vary the concentration of entanglement
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strands via dilution with low-MW solvents, leading to changes in crystal thickness for some

solvents, but without a quantitative account of entanglement density.18

General caveats of such studies are the solvent-related melting point depression, and

that the solvent concentration increases during crystallization, which means that the driving

force for crystallization is not constant during the process. A recent study along these

lines did indicate lower amorphous thicknesses in systems crystallizing from solutions with

decreasing concentrations,19 but the SAXS data could not be analyzed quantitatively due to

inhomogeneities due to the remaining solvent not participating in the crystallization, thus

providing only indirect evidence relying on DSC crystallinity. Furthermore, the reduced

entanglement strand concentrations were only estimated by a scaling law, but the exponent

used did not conform to the textbook value.20 Turning to theory, Luo and Sommer studied

the effect of entanglements in simulations.21,22 Here, the entanglement length was either

varied indirectly due to the temperature-dependent conformation of the polymers or by

crystallization from solution, where short chains with otherwise identical properties were

used as a solvent. While the amorphous regions were not explicitly considered, an interesting

increase of the crystal thickness with decreasing degree of entanglement was found, suggesting

that the crystal thickness might in fact be governed by the entanglements in the melt prior

to crystallization.

Here we present an experimental approach that avoids all of the above-mentioned dif-

ficulties and allows us to directly study the effect of entanglements on the semicrystalline

morphology in a quantitative way and thus to establish a predictive model. We prepared a

series of melt samples with reduced concentration of entanglement strands in equilibrium by

mixing a melt of a high-MW polymer with chemically identical unentangled oligomers (cf.

Table 1). The resulting concentration of entanglement strands was determined by rheologi-

cal analysis. Importantly, polymer and oligomers cocrystallize without phase separation for

larger supercooling, allowing a direct quantitative in-situ analysis of the semicrystalline mor-

phology by SAXS as a function of the entanglement concentration in the melt. As a model
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polymer we used polycaprolactone (PCL), for which we could recently show by advanced

NMR techniques that entanglements are fully retained during crystallizaton from the melt,

thus increasing the entanglement density in the amorphous phase upon crystallization.23

Results

Reduced entanglement concentration in polymer/oligomer blends. Shear rheol-

ogy was used to characterize all samples in the melt state via frequency sweeps at 90, 70,

50 ◦C. Master curves for the storage and loss moduli (G′ and G′′, resp.) with a reference

temperature of 50 ◦C were constructed by time-temperature superposition,24 see Figure 1

(for original data, see the Supplementary Information, Figure S1). Note that experiments

below the melting temperature are still possible due to slow crystallization. Terminal flow is

always apparent on the low-frequency side, while for all samples except the one with the low-

est polymer concentration, G′ approaches a rubber-elastic plateau with modulus G0 on the

high-frequency side. Obviously, the measurements show qualitatively the results expected

for a semidilute solution, namely a decrease of G0 and τd with decreasing polymer fraction

φ.

Due to the limited frequency range of the instrument and the limited accessible temper-

ature range due to crystallization at low temperatures, it was not possible to read off G0 in

the center of the plateau where G′′ reaches a minimum, as it is usually done. Instead, for a

quantitative determination G0 was determined by integration of G′′ for φ = 1 resulting in a

value of 1.26MPa for G0, cf. Fig. S2:
25–28

G0 (φ = 1) =
2

π
·
∫ +∞

−∞

G′′ (ω, φ = 1) dlnω (1)

While this method cannot be applied to the diluted samples, since the relaxation time

spectrum revealed on the high-frequency side of G′′ changes, we can assume that there is

a constant factor between the plateau modulus G0 and the value of G′

ωd
at the crossover
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Figure 1: Rheological characterisation of polymer/oligomer blends in the melt
state. A) Master curves of storage modulus G′ (closed symbols) and loss modulus G′′ (open
symbols) of blends with different polymer fraction φ referenced to 50 ◦C, with indicated
power laws for terminal flow. B) Plateau modulus G0 (lhs scale) together with concentration
of entanglement strands νe (rhs scale) and terminal relaxation time τd as a function of φ.
Blue and red lines show the expected power laws for good and θ-solvents, respectively.
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frequency ωd of the moduli. We thus estimate G0 (φ) as

G0 (φ) =
Gωd

(φ)

Gωd
(φ = 1)

·G0 (φ = 1) . (2)

Based on the theory of rubber elasticity, the plateau modulus is related to the entanglement

strand concentration νe as follows.
20,24,29

G0(φ) = νe(φ)kBT =
ρRT

Me(φ)
(3)

The resulting values of νe(φ) are shown together with G0(φ) in Figure 1B. For the pure

polymer Me = (ρmRT )/G0 = 2.346 kg/mol . Here the density in the melt state ρ = 1.11

kg/m3 was estimated from the tabulated densities of semi-crystalline PCL and the crystal

density, ρsc = 1.145 kg⁄m3; ρc = 1.20 kg⁄m3 respectively,30 based on ρsc = ρ(1−Xc)+ ρcXc

with a volume crystallinity Xc = 40%, obtained from SAXS.

To ensure consistency, we compare the measured values of G0 and τd (taken as the

inverse of the modulus crossover frequency) with the known scaling laws for semidilute

solutions. Neglecting chain-end effects we would expect the oligomers to behave as a good,

even athermal, solvent as they are chemically identical to the polymer. The plateau moduli

in good and θ solvents scale as G0 ∼ φ2.25 and G0 ∼ φ2.33, respectively20,29 and our data

follow these rather similar predictions very well (cf. Figure 1B). The solvent quality has a

stronger effect on the scaling law for the disentanglemant time τd,
20 where τd ∼ φ1.6 and τd

∼ φ2.3 for the different solvents, respectively. As shown in Figure 1C, the data are much

better described by the prediction for the good-solvent case, as expected for our chemically

similar oligomers. Only the 10% solution deviates significantly, as it is not fully entangled

(see Supplementary Text 1).

No phase separation on crystallization. The second important feature of our model

system is that that both components crystallize in a single phase. As the polymer has a
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Figure 2: Calorimetric characterisation of polymer/oligomer blends. A) DSC heat-
ing curves for PCL200 and PCL2 after isothermal crystallization at 35 ◦C (top) and compar-
ison of heating curves of blends (black) with φ = 0.7 (middle) and φ = 0.5 (bottom) with
the weighted sum of the component curves (blue). B) Melting enthalpy vs. composition φ
for all blends. The blue dashed line shows the weighted sum of the melting enthalpies.
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higher melting temperature than the oligomer, it may be expected that crystallization at

low supercooling will lead to a preferred or even exclusive crystallization of the polymer,

resulting in a separation. However, we can prove that such effects can be suppressed by

crystallization at low temperatures, i.e. high supercooling.

Figure 2A shows heating curves measured by differential scanning calorimetry (DSC) of

the pure components and two exemplary blends with φ =0.7 and φ = 0.5 after isothermal

crystallization at the chosen crystallization temperature, Tc =35 ◦C (see Figure S3 for the

full data set for all compositions). As mentioned above, the polymer shows a higher melting

temperature (peak temperature 58.9 ◦C) than the oligomer (peak temperature 54.6 ◦C). Gen-

erally, the integral over the melting range gives the enthalpy of melting and is proportional

to the crystallinity of the sample, indicating here the higher crystallinity of the oligomer in

comparison to the polymer. We clearly see that the melting signal of the blends does not

correspond to a superposition of the signals of the components, as it would be the case for a

separate crystallization of the components. Instead, melting occurs at an intermediate tem-

perature, indicating a composite semicrystalline structure resulting from cocrystallization.

This conclusion is confirmed by the enthalpies of melting shown in Figure 2B, which for

the blends are generally larger than the sum of the enthalpies of the components weighted

according to weight fractions. The DSC results together with the results from the rheological

measurements confirm that our samples constitute a well-suited model system to study the

effects of the entanglement concentration on the morphology of semicrystalline polymers in

a quantitative way.

Entanglement-controlled semicrystalline morphology. SAXS measurements com-

bined with a recently developed refined method of analysis based the linear stack model

(Figure 3A) allow us to determine the mean thickness of the crystalline and amorphous

regions as well as their distribution widths as described in the method section.31–33 SAXS

data for the pure polymer, oligomer and all blends measured at 35 ◦C after isothermal crys-
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Figure 3: Characterization of the semicrystalline morphology by SAXS and NMR.
A) Sketch of the semicrystalline morphology consisting of a stack of alternating crystalline
and amorphous layers. B) SAXS intensity vs. scattering vector s of polymer/oligomer blends
after isothermal crystallization at 35 ◦C, shifted vertically for clarity. C) Thickness of the
derived crystalline and amorphous regions dc and da (black filled squares) as a function of φ,
with vertical bars indicating the respective distribution widths σc and σa. D) Crystallinity vs.
φ as determined by SAXS and NMR. Open circles and solid lines in C, D are the predictions of
our model, based upon measured values of the melt-state plateau modulus and on the scaling
law for the entanglement concentration in good solvents (νe ∼ G0 ∼ φ2.25), respectively.
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tallization are shown in Figure 3B. With decreasing polymer fraction, the peak caused by

the decreasing long period shifts towards higher scattering vectors s. At the same time, the

characteristic minimum at s ≈ 0.14 nm−1, which is caused by the minimum in the form factor

of the crystalline lamellae remains at the same position. These observations already qual-

itatively indicate a decreasing thickness of the amorphous regions with decreasing polymer

fraction.

The structural parameters resulting from the fully quantitative analysis of the SAXS data,

namely the thickness of the crystalline and amorphous regions dc, da and their distribution

widths σc, σa are shown in Figure 3C as a function of the polymer fraction φ. The details

of the quantitative analysis are described in the Supplementary Information, Supplementary

Text 2 and Figures S4–S8. The similarity of the linear crystallinity Xc =
dc

dc+da
from SAXS

with the NMR crystallinity based on a decomposition of the 1H FID-signal confirms the

assignment of dc and da and shows the applicability of the linear stack model. For the

pure polymer, the morphology corresponds to previous observations.32 The crystal thickness

is smaller than the thickness of the amorphous regions with a much sharper distribution

of the crystal thickness. With decreasing polymer fraction the crystal thickness remains

unchanged while the thickness of the amorphous regions decreases by about a factor of 2.

The distributions keep their characteristic differences and the long period dac = dc + da

follows the changes in dc and da. Obviously, the thickness of the amorphous regions is in

fact determined by the concentration of entanglement strands, suggesting a composition-

dependent minimal thickness of the amorphous regions, beyond which the entanglements

cannot be compressed any further.

A quantitative model. To justify a simple yet quantitative prediction of da based on a

maximum concentration of entanglement strands νe,max, we already showed in a previous

publication that for PCL, entanglements are retained during crystallization from the en-

tangled melt.34 In consequence, we should be able to determine νe,max from the structural
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parameters of the pure polymer. Furthermore, we have to take into account that even for the

oligomers (φ = 0), which are unentangled, we observe amorphous regions in-between neigh-

boring crystallites. For the model we make the most basic assumption that they consist

of two partially ordered, constrained amorphous boundary layers with thickness da,b = 2.2

nm and that these boundary layers exist for all compositions and have always the same

thickness, therefore da(φ) = da,i(φ) + 2da,b = da,i(φ) + da(φ = 0). We assume that only

the additional inner part with thickness da,i contains the fully retained entanglements. If

we further assume that the thickness of the inner amorphous regions da,i after isothermal

crystallization is given by the condition of a constant value of νe,max, the following equation

holds for all compositions φ:

da,i(φ)

dc(φ) + 2da,b + da,i(φ)
=

νe(φ)

νe,max

(4)

Solving this equation for da gives:

da(φ) = 2da,b +

(

νe,max

νe(φ)
− 1

)

−1

(dc(φ) + 2da,b) (5)

Furthermore we can use:

νe,max

νe(φ)
=

νe,max

νe(φ = 1)
· νe(φ = 1)

νe(φ)
=

dc(φ = 1) + da(φ = 1)

da,i(φ = 1)
· G0(φ = 1)

G0(φ)
(6)

Eqs. 5 and 6 allow us to predict da (cf. Fig. 3C) as well as the linear crystallinity Xc =
dc

dc+da

(cf. Fig. 3D) without any adjustable parameter. The very good agreement with the values

measured by SAXS are a strong indication that the thickness of the amorphous regions

is indeed determined by the assumed condition of a constant, maximum concentration of

entanglement strands. From eq. (4) and our SAXS data, we derive νe,max/νe(Φ = 1) = 2.9

as the relevant outcome of our analysis. Entanglements can obviously be compressed in

the amorphous regions to quite an extent. The factor of 2.9 is close to our previous direct
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NMR-based estimation of around 2,23 which was obtained as an average over the whole

amorphous layer, not just the inner part. Together with further previous results, where we

showed that the crystal thickness in PCL directly after crystallization corresponds to the

minimum thickness required for thermal stability,32,33 we thus achieved here for the first

time a full empirical understanding of the criteria that determine the structural parameters

of the semicrystalline morphology during isothermal crystallization, including the important

parameter crystallinity.

Discussion

The assumption of the boundary layer is based on the morphology of the pure oligomer

and the observation that the structural parameters vary smoothly from the oligomer over

the blends to the polymer. In comparison to previous experiments on oligomers, mostly

performed on long alkanes or oligomers of PEO, the value of the oligomer crystallinity seems

low. However, PE and PEO are known for their ability of fast reorganization based on chain

diffusion through the crystals, which leads to a state of extended or integer-folded chains

with high crystallinity. Non-integer folded states with lower crystallinity transform quickly

into high-crystallinity states.35 In the case of PCL such a process is absent or very slow.32

Experiments on oligomers without intracrystalline chain diffusion are scarce, but our results

are indeed consistent with previous observations for a series of precise oligomeric PCL.36

With regards to chain conformation, our oligomer with on average 20 monomers and an

extended length of 17.2 nm is less than twice the 11.6 nm long period, ruling out a dominance

of once-folded chains. On the other extreme, a fully extended conformation with a significant

lamellar tilt angle, a common phenomenon,37 is consistent with the observed structure.

The true structure in-between these two limits is certainly governed by the polydispersity,

which also limits the crystallinity of the oligomer. Generally, three-phase models are often

used to describe the semicrystalline morphology, and they are typically necessary for the
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interpretation of experimental data, for which the phases are identified based on different

molecular mobility like in DSC or NMR. As is apparent from the comparison of our NMR-

based component decomposition (Fig. S9), the entanglement-free boundary layer is larger

than the NMR-based “rigid-amorphous fraction.”

Our analysis also suggests a new explanation as to why the temperature range (and

therefore thickness range) in which crystallization occurs is always lying well below the equi-

librium melting temperature. PCL e.g. crystallizes only at temperatures below about 60 ◦C,

corresponding to crystal thicknesses below about 10 nm, although thermodynamically the

crystallization of thicker lamellae at higher temperatures should be feasible.38 We hypoth-

esize that the crystal thickness is limited by the length scale over which the crystallizing

melt can be cleared of entanglements by compressing them into the amorphous regions. If

the entanglement network was fixed, the tube diameter a would certainly be an upper limit

for the crystal thickness plus the boundary layers. However, the entanglement network can

locally rearrange and the entanglements can be compressed in the amorphous regions by the

above-determined factor of 2.9. For PCL a =
√
Neb2 = 3, 67 nm, resulting in a value of

3.67 nm · 2.9 = 10.6 nm for dc +2da,b, i.e. dc ≈ 6.2 nm, an estimate that fits very well to the

SAXS-result for dc, cf. Fig. 3. Here we used Ne =
Me

M
Nk; the corresponding values are given

in the Methods section. We note that these data and thus our model are fully consistent

with the recent findings that the lamellar thickness and adjacent folding numbers are largely

governed by the entanglement spacing and the contour length of an entangled segment.39,40

As a final point, it is important for the arguments made above that entanglements are

not significantly dissolved during crystallization. While we could explicitly show that this

is indeed the case for PCL,23 we believe that this assumption is generally true for so-called

crystal-fixed polymers, which have no or only very slow intracrystalline chain diffusion.

Crystallization generally proceeds too fast to allow substantial resolution of entanglements

at the growth front.34 On the other hand, polymers with intracrystalline chain diffusion,

so-called crystal-mobile polymers show crystal thickening during crystallization leading to
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crystallinities well-above 50% while the thickness of the amorphous regions is of similar size

as in case of crystal-fixed polymers11,32. A resolution of entanglements in these systems

could arise from intracrystalline chain diffusion. The existence of such a process is obvious

in the case of high-pressure crystallization of PE into the hexagonal mesophase leading to

practically 100% crystalline material,41 wheras in ambient crystallization, where it develops

a semicrystalline morphology of relatively high crystallinity, there is only indirect evidence.4

A direct quantitative determination of the entanglement density in the semicrystalline state

for crystal-mobile polymers in combination with a detailed structural analysis would allow

us to prove that also for crystal-mobile polymers, the thickness of the amorphous layers is

determined by the maximum concentration of entanglement strands. This question is left

for future work.

In summary, using a specifically designed experimental system we have demonstrated

that a simple yet quantitative model, assuming a material-specific maximal entanglement

concentration in the inner amorphous layer, can explain one of the most outstanding and so

far little explored morphological features of semicrystalline polymers, i.e. the thickness of

the amorphous layers and thus also the overall crystallinity. This finding is of high relevance

with regards to understanding and controlling the mechanical properties, which are obviously

determined by this scaffold structure. In our case, the modulus increases by nearly a factor

of two in the range from φ = 1 to φ = 0.5 (see Figure S10), highlighting the potential of

using high/low MW blends to control the mechanical properties of materials; an insight that

might also be important for the recycling of thermoplastic materials.

Methods

Materials

Polycaprolactone polymer PCL200 and oligomer PCL2 were purchased from Scientific Poly-

mer Product Inc., Ontario, New York (USA). Due to the low MW (M ≈ Me) the oligomer

14



Table 1: Properties of PCL polymer and oligomer samples. Mw and Mn are the weight-
averaged and number-averaged MW as obained from the product data sheet. N , Rmax, R0

are the number averaged values of the degree of polymerization, extended chain length, and
the end-to-end distance.

Mw Mn N Rmax R0

(kg/mol) (kg/mol) (nm) (nm)

PCL200 200.7 188.1 1650 1424 34.0
PCL2 2.38 2.27 20 17.26 3.73

is unentangled. Basic sample characteristics are listed in Table 1. They were calculated as

follows. The extended chain length is given by Rmax = N · l. Here l = c/2 = 0.863 nm,

where c is unit cell parameter of PCL.42 The end-to-end distance is given by R0 = 0.0783
√
M

nm
√

mol/g.43 From the data for PCL200 the Kuhn length b can be calculated, b =
R2

0

RMax
=

0.81nm and the number of Kuhn segments as Nk =
R2

Max

R2 = 1758.20

Polymer/oligomer blends with polymer weight fractions φ from 10% to 90% were prepared

from mixed solutions in chloroform with a concentration of 25mg/ml, which were stirred for

2 hours and subsequently dried in a fume hood for 4 days. To remove residual solvent the

samples were additionally kept in vacuum for 24h. Before any experiments the samples were

heated to 85 ◦C for 10min to remove the thermal history.

Methods

Small-angle X-ray diffraction SAXS measurements were performed on a Kratky com-

pact camera from Anton Paar GmbH, Graz equipped with an X-ray optics from AXO Dres-

den GmbH, a temperature-controlled sample holder and a 1D detector Mythen2 R 1K from

Dectris. All samples were isothermally crystallized in the Kratky camera for 30min after a

quench from the melt state (10min at 85 ◦C). The exposure time for each scattering curve

was 30 min. Although the setup allows a measurement of the primary beam intensity and

therefore nominally a determination of the absolute scattering intensity, there was a certain

error in the scattering volume due to some air bubbles in the samples. The measured scat-

tering curves were therefore multiplied by a correction factor such that the intensity at large
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scattering vectors q due to the density fluctuations in the amorphous regions is on the same

level for all measurements. This procedure brings the amplitudes of the interface distribution

functions to comparable amplitudes, although they are not evaluated quantitatively.

The analysis of the SAXS data is based on the interface distribution function (IDF)

K ′′(z), originally introduced by Ruland.44 Below we give a brief account of the method.

The procedure for analysis has been described in detail in previous publications.31,32,45 In

the last reference we additionionally specifically discussed the method in comparison to the

common direct analysis of the correlation function. In the SM we describe the data treatment

including background subtractions, illustrate the different steps of the analysis and show the

orginal data, cf. Fig. S4 - Fig. S8.

For a stack of alternating cystalline and amorphous regions with sharp interfaces between

the two phases the interface distribution function K ′′ can be calculated from the SAXS

intensity data (after background subtraction) as follows:

K ′′(z) = 16π3

∫

∞

0

[ lim
s→∞

I(s)s4 − I(s)s4] cos(2πsz)ds, (7)

where s = 2
λ
sin θ is the scattering vector and lims→∞ I(s)s4 the Porod constant P . The

proportionality I(s) ∝ s−4 and the constraint K ′′(0) = 0 are consistency conditions for the

assumptions of sharp interfaces and negligible contributions from lateral interfaces of the

crystallites. On the other hand, K ′′ is related to the semicrystalline structure by

K ′′(z) =
Os∆ρ2

2
(ha(z) + hc(z)− 2hac(z) + haca(z) + ...) (8)

Here the thickness distributions of the alternating crystalline (hc) and amorphous (ha)regions

describe the morphology of the 1D-stack. Both are modeled by Gaussian distributions,

ha,c(z) =
1√

2πσa,c

e
−

(z−da,c)
2

2σ2
a,c . (9)
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Higher order distributions like for example the one for the long period hac are given by

convolutions of the fundamental distributions ha,c. By modeling K ′′(z) or rather its cosine

transform we can decompose it into the different contributions even if they overlap. To

limit the effect of noise a window function G(s) = e−4π2s2σ2
is multiplied to the integrand in

equation (7) before calculating the cosine transform. For all samples we used the same value

σ = 0.6nm.

Rheology Linear viscoelastic properties of samples in the melt state were measured with a

rheometer MCR501 from Anton Paar covering a frequency range from 628 rad/s to 0.1 rad/s

and a temperature range from 90 to 50 ◦C. The samples were held between parallel plates

with a diameter of 15mm under nitrogen atmosphere. The sample thickness was 0.5mm.

The samples were prepared in a hot press at 85 ◦C for 10min.

Differential scanning calorimetry Heat flow during isothermal crystallization and sub-

sequent heating was recorded using a differential scanning calorimeter, UNIX DSC7 from

Perkin Elmer. All samples were isothermally crystallized at 35 ◦C for 30min after quenching

from 85 ◦C. Finally all samples were heated to 85 ◦C again at a rate of 10 ◦C/min.

Mechanical Modulus The shear modulus of the samples in the semicrystalline state

was measured with a rheometer Ares G2 from TA instruments at room temperature and

a frequency of 10 rad/s in stripe geometry (sample length between clamps 25mm, width

10mm, thickness 1.2mm). The samples were isothermally crystallized in a rectangular mold

(Melt Prep) at 35 ◦C for 30min.

Nuclear magnetic resonance (NMR) Measurements of the proton free induction decay

(FID) were performed on a Bruker Avance III Spectrometer with a proton frequency of 200

MHz using a probe head with a short dead time of 2.5 µs. The time between successive scans

was set to 3 to 5 s. The temperature accuracy of the instrument is ±1K with a gradient of
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Figure 4: Measured FID and corresponding model fit based on a superposition of contribu-
tions from crystalline, amorphous and intermediate fractions for PCL200 (top) and PCL2
(bottom), cf. Eq. 10. FIDs were measured at 35°C on samples crystallized at 35°C.
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0.5K over the sample. Samples for the analysis of the semicrystalline morphology were

heated to 90 ◦C for 10 minutes to erase the thermal history and were then quenched to 35 ◦C

for isothermal crystallization. After a crystallization time of several hours the measurements

were performed at the crystallization temperature.

The different, partly motion-averaged dipole-dipole couplings in the crystalline, interme-

diate and amorphous regions allow a determination of the respective fractions by a three-

component fit of the measured FIDs:

IFID(t) = fa · e−(t/T ∗

2,a)
νa

+ fi · e−(t/T ∗

2,i)
νi + fc · e−(a2t2/2) · sin(b · t)

b · t (10)

The amorphous and intermediate components are fitted with stretched exponentials with ap-

parent transverse relaxation times T ∗

2,a and T ∗

2,i and shape parameters νa, νi. Hereby the fit

is stabilized by separate analysis of a MAPE-filtered FID, in which the signal from the crys-

talline and intermediate fractions are suppressed, resulting in a well-defined decomposition

of the FID-signal into molar signal fractions of the amorphous, intermediate, and crystalline

phases. Exemplary data are shown in Figure 4. Further details regarding the method and

the analysis can be found in reference.46

References

(1) Flory, P. J.; Yoon, D. Y. Molecular morphology in semicrystalline polymers. Nature

1978, 272, 226–229.

(2) Strobl, G. The physics of polymers. Concepts for understanding their structures

and behavior, 3rd ed.; Springer: Berlin [u.a.], 2007; pp XIII, 518 S., DOI:

10.1007/978-3-540-68411-4.

(3) Men, Y.; Rieger, J.; Strobl, G. Role of the Entangled Amorphous Network in Tensile

Deformation of Semicrystalline Polymers. Phys. Rev. Lett 2003, 91, 095502–+.

19



(4) Bartczak, Z.; Kozanecki, M. Influence of molecular parameters on high-strain defor-

mation of polyethylene in the plane-strain compression. Part I. Stress–strain behavior.

Polymer 2005, 46, 8210–8221, DOI: 10.1016/j.polymer.2005.06.100.

(5) Bartczak, Z. Deformation of semicrystalline polymers – the contribution

of crystalline and amorphous phases. Polimery 2017, 62, 787–799, DOI:

10.14314/polimery.2017.787.

(6) Hoffman, J. D.; Davis, G.; Lauritzen, J. I. In Treatise on Solid State Chemistry; Han-

nay, N., Ed.; Plenum Press: New York, 1976; Vol. 3; Chapter 7, pp 497–614.

(7) Sadler, D. M. New explanation for chain folding in polymers. Nature 1987, 326, 174–

177.

(8) Hu, W.; Frenkel, D.; Mathot, V. B. Intramolecular Nucleation Model for Polymer

Crystallization. Macromolecules 2003, 36, 8178–8183.

(9) Strobl, G. Crystallization and melting of bulk polymers: New observations, conclusions

and a thermodynamic scheme. Progress in Polymer Science 2006, 31, 398–442.

(10) Gedde, U. W. Polymer physics, 1st ed.; Chapman & Hall: London [u.a.], 1995; pp X,

298 S.
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